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Q&P steels possessing a combination of ultra-high product of strength and tensile elongation
(PSE) and superior impact toughness was obtained by tailoring the micromechanical
deformation ability of retained austenite (RA) and martensite via low-temperature partitioning.
Our results indicate that impact toughness is more susceptible to the heterogeneity of
mechanical properties of constituent phases than its tensile mechanical properties. Through
optimizing the difference between the constituent phases, the impact toughness can be improved
significantly by the enhancement of micromechanical deformation ability of tempered
martensite (TM) and corresponding alleviation of deformation incompatibility. Simultaneously,
high PSE was preserved by using the deformation potential of RA and its transformation-in-
duced plasticity effect. Load–unload–reload (LUR) tests were carried out to characterize the
evolution of flow stress components and the influence of partitioning temperatures on the degree
of deformation inhomogeneity between constituent phases during plastic deformation.
Furthermore, the mechanical properties and micromechanical deformation ability of the
constituent phases were quantitatively characterized using the nanoindentation technique,
which indicates that degree of incompatible deformation is alleviated for steels partitioned at
relatively high temperatures due to the enhancement of the deformation ability of TM. The
underlying relationship between the dynamic transformation of metastable austenite based on
the Olson and Cohen model, and high PSE was elucidated. As the partitioning temperature
increases, the mechanical stability of RA increases, which is attributed to the synergistic effect of
carbon partitioning and the improvement of compatible deformation capability of TM and RA,
resulting in an excellent combination of concurrent ductility and impact toughness. Based on the
above characterization and analysis, further investigation into the fractured morphology of
impact and edge notched specimens was carried out to provide a comprehensive understanding
of the damage and fracture mechanism, and to reveal the reasons for the improvement of
mechanical properties. The nucleation position and propagation path of microvoids and
microcracks depend on the deformation compatibility of constituent phases and the
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morphology of cementite in tempered martensite. The nucleation sites of microcracks and
microvoids at the phase interface, due to stress concentration and dislocation pile-ups for
incompatibility deformation of constituent phases, are substituted with nucleation sites at
fractured cementite in TM with the increasing partitioning temperature.
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I. INTRODUCTION

SCIENTIFIC community and the automotive indus-
try have been committed to the research and application
of advanced high-strength steels (AHSSs) for the
enhancement of environmental protection and the
improvement of energy conservation awareness, to meet
the demand for lightweight automotive components,
while maintaining safety standards, and the increasingly
stringent regulations on greenhouse gas emissions.[1–8]

The quenching and partitioning (Q&P) steel proposed
by Speer et al.[9] is regarded as a promising candidate for
third-generation AHSSs.[10–13] Based on the theory of
Q&P steel, Hsu[14] proposed the quenching-partition-
ing-tempering (QPT) process for the sake of improve-
ment of strength for martensite matrix via adding
additional carbide-forming elements such as Nb to
refine the grains of prior austenite and precipitate
carbides during the tempering process, thus playing
the role of grain strengthening and precipitation
strengthening agent. Numerous previous studies have
indicated that Q&P steel and QPT steel have good
strength and ductility.[15–23] However, the application
limitation of these two steels is their limited formability
and impact toughness, which is attributed to the
inherent micromechanical properties of the materials:
hard martensite and its deformation incompatibility
with RA during plastic deformation.

In recent years, the construction of heterogeneous
microstructures and multiphase structures to tailor the
micromechanical properties and deformation ability of
different phases, and explore their effect on the trans-
formation-induced plasticity effect (TRIP) of
metastable RA have been research hotspots for steel.
Wu et al. developed a surface mechanical attrition
treatment (SMAT) to obtain a nano-gradient struc-
ture[24–26] or duplex phase microstructure[27] possessing
different micromechanical properties to achieve superior
properties. They assumed that the underlying mecha-
nism stems from the synergetic strain strengthening
resulting from the macroscopic stress gradient and
complex stress state caused by the gradient nanostruc-
tures and multiphases with different micromechanical
properties. That is to say, the stress/strain partitioning
of grains (coarse and fine grains) or different phases (soft
and hard phases) is attributed to the deformation
inhomogeneity and local heterogeneity of the stress/
strain state during the plastic deformation process,
resulting in pronounced Bauschinger effect and sus-
tained high ductility without compromising the material
strength. A medium-Mn hot-rolled (austenite and
martensite) duplex steel with Mn-segregation bands

was fabricated intentionally by Hyungsoo Lee et al.[28]

The results demonstrated that the Mn-segregation
induced TRIP in the austenite of the Mn-rich band
contributed to the continuous strain hardening, produc-
ing the excellent mechanical properties. A comprehen-
sive study of deformation and fracture mechanisms in
fine- and ultrafine-grained ferrite/martensite dual-phase
steels was conducted by Marion Calcagnotto et al.[29]

They found that the change of stress/strain partitioning
characteristics between ferrite and martensite was the
decisive factor for enhancing martensite plasticity and
guarantee the better interface cohesion, which improved
the fracture toughness of martensite. Tasan et al.[30]

reported a novel experimental–numerical methodology
to get a clearer understanding of the microstructure and
mechanical properties of multiphase alloys governed by
microscopic strain and stress partitioning behavior
between the microstructural constituents. Based on that,
they make use of high-resolution microscopic-digital
image correlation techniques to obtain microstructural
strain maps of the statistics for ferritic-martensite
dual-phase steel during plastic deformation. There maps
were used to establish connections between the
microstructural parameters and damage heterogeneity,
and provide a guide for designing advanced dual-phase
steels.[31] Kadkhodapour et al.[32] investigated the
non-homogeneous mechanical properties of the ferrite
phase in dual-phase steels containing small islands of
martensite using nanohardness tests, implemented near
the interface between ferrite and martensite. In combi-
nation with numerical investigation, the experimental
results indicated that the ferrite phase was harder in the
vicinity of the martensite grains, and local hardening
was caused by the geometrically necessary dislocations
(GNDs). However, for the TRIP-assisted steels, it is
challenging to accurately characterize the stress/strain
partitioning of the multiphases in the materials. Fu
et al.[33] investigated the stress partitioning for various
phases during plastic deformation using in situ high-en-
ergy X-ray diffraction, established a modified constitu-
tive model to describe the micromechanical behavior of
multiphase and degree of the accommodation of stress
and strain partitioning in a quenched and partitioned
steel containing ferrite. According to their results, by
optimizing the volume fraction of ferrite and softening
martensite, the stress state of the surrounding
metastable austenite can be altered. This alteration has
a beneficial influence on TRIP effect and the compat-
ibility of the micromechanical deformation among the
phases, thus enhancing the deformation ability of the
materials, which gives an inspiration to obtain hetero-
geneous or multiphase microstructures.
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In the literature mentioned above, the ductility or
combination of strength and ductility (e.g., the product
of strength and elongation, PSE) of materials is
enhanced by the design of microstructures. However,
higher ductility and PSE does not mean higher impact
toughness.[34–37] Gao et al.[38] statistically demonstrated
a negative correlation. Therefore, much research has
devoted to exploring new processes to improve the
impact toughness of materials. In general, improving the
mechanical stability of austenite and refining RA to
obtain filmy RA between martensite laths can promote
impact toughness through its crack arresting ability.[39]

Additionally, refinement of martensite packet/block
containing high-angle grain boundaries (HAGBs) can
effectively increase crack propagation paths, thus
increasing crack propagation energy.[40] Meanwhile,
the multiphase microstructures obtained by the thermo-
mechanical and micro-alloying method have similar
toughening effect. Kimura et al.[41] exploited a thermo-
mechanical method to obtain refined delamination
structures interspersed with nanometer-sized carbides,
thus significantly improving impact toughness, and
achieving a particularly promising combination of
mechanical properties in terms of ultra-high strength
with enhanced toughness and ductility. This hierarchical
and laminated microstructure of steel can significantly
resist the propagation of fatigue cracks, which is the key
to improving fatigue-resistance of materials.[42] Based on
the QPT process, Gao et al.[38,43–45] introduced bainite
and carbon-depleted martensite into the multiphase
microstructures containing filmy RA. The characteris-
tics of this process are that the high plasticity of bainite
and carbon-depleted martensite is exploited to alleviate
the difference of deformation ability between constituent
phases. This process improves the overall deformation
ability of materials to exhaust the energy of crack
nucleation and propagation, and eventually enhances
impact toughness. However, the drawback of this
process is that the heat treatment process is complicated,
so it is necessary to explore other simpler processes to
achieve high PSE and superior impact toughness.

Inspired by the aforementioned literatures on stress/
strain partitioning and incompatibility of micromechan-
ical deformation in different phases of multiphase
materials during plastic deformation, combined with
the characteristics of microstructure about Q&P steels, it
is easy to recognize that the strength and the microme-
chanical deformation difference between two phases,
and the strain coordination/accommodation level will
have an influence on the TRIP effect of metastable RA
and the mechanical properties of steels. Carbon atom is
the most productive element to change the difference of
deformation ability of the two phases and stabilize
RA.[46] Carbon atoms can be redistributed through the
following four mechanisms during the low-temperature
partitioning process, thus affecting the differences in the
micromechanical properties of the various phases[15,47]:
(i) short-range ordered rearrangement caused by the
stress of the carbon atoms at possible interstitial
locations[48,49]; (ii) Cottrell atmosphere formed by car-
bon atoms segregating toward the grain boundaries and
dislocations, stimulated by the reduction of the

interfacial energy and lattice distortion energy caused
by the dislocations[50,51]; (iii) carbon atoms migrating
from the supersaturated martensite to the
metastable austenite due to the different chemical
potential of carbon in the two phases; (iv) precipitation
of carbides.[52,53] Therefore, the difference in the strength
and micromechanical deformation ability of the multi-
phase structure in medium- and high-carbon Q&P steel
can be tailored by low-temperature carbon partitioning,
carbon segregation, and carbide precipitation resulting
in the improvement in the stability of RA around the
steel to obtain the required mechanical properties.
The plastic incompatibilities between various phases

with different flow behaviors and micromechanical
deformation abilities are caused by the microstructural
heterogeneity,[26] which will lead to the stress and strain
partitioning of constituent phases during the plastic
deformation process. Also, the dynamic transformation
of austenite to martensite will aggravate the degree of
the inhomogeneity of plastic deformation,[54,55] resulting
in a gradient distribution of stress and strain near grain
boundaries or phase interfaces.[56] From the crystallo-
graphic perspective, it is necessary to generate geomet-
rically necessary dislocations at grain boundaries or
phase interfaces to coordinate the heterogeneity of the
plastic deformation. This inhomogeneous plastic defor-
mation will also introduce long-range internal stresses or
back stresses, resulting in a significant strain hardening
level. A modified Bauschinger effect method[57–61] can be
used to quantitatively characterize the two components
of stress strengthening in flow stress: back and effective
stress hardening. Furthermore, the kernel average
misorientation (KAM) values obtained by EBSD have
a quantitative relationship with the density of
GNDs.[54,62–64] Hence, this relationship can be used to
describe the distribution of GNDs in deformed materi-
als. Nanoindentation test is considered to be a powerful
method to investigate the mechanical properties of
constituent phases in multiphase materials and to
characterize the deformation ability of single
phases.[65–68]

Considering the studies mentioned above, the objec-
tive of this study is to experimentally tailor the
micromechanical deformation ability of the constituent
phases of Q&P steel via low-temperature partitioning
and to investigate their effects on the comprehensive
mechanical properties. Furthermore, the mechanical
properties and micromechanical deformation ability of
the constituent phases in the microstructures after
partitioning at different temperatures were quantita-
tively characterized by the nanoindentation technique.
The modified Bauschinger effect method was used to
investigate the evolution of flow stress components
during plastic deformation and describe the level of
inhomogeneous deformation of steels. The dynamic
transformation kinetics of metastable austenite in the
material was determined. Based on the above charac-
terization and analysis, further investigation into edge
notched tension was carried out to generate compre-
hensive understanding of the damage and fracture
mechanism for designing high PSE and impact tough-
ness Q&P steel.
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II. EXPERIMENTAL PROCEDURES

A. Materials and Treatments

A Fe-10Ni-2Mn-0.4C-1.6Si (wt pct) medium-carbon
high-nickel steel was arc-melted in a medium-frequency
induction furnace under a pure argon atmosphere, and
then cast into a cylindrical ingot of 100 kg mass and
140 mm in diameter. After homogenization at 1150 �C
for 3 hours, the cylindrical ingot was forged between
1100 �C and 850 �C into a slab with a thickness of
30 mm, followed by air cooling to room temperature.
The critical temperatures of phase transformations were
measured by a Bähr DIL-805A/D type dilatometer and
the corresponding results are given in Table I. The
heating rate used to measure the AC1 & AC3 temperature
was 20 �C s�1. The critical quench rate for the marten-
site transformation in this steel was � 50 �C s�1. To
obtain multiphase structure and adjust the mechanical
differences between phases by carbon partitioning and
precipitation, the Charpy V-notch specimens
(10.2 9 10.2 9 55 mm3) and tensile specimens (1.7 mm
wide) were cut from the middle area of the slab by
wire-electrode cutting. These samples were austenitized
at 730 �C for 30 minutes and then were quickly
immersed in agitated and flowing water to room
temperature to avoid temperature gradients and
microstructure heterogeneity along thickness. This treat-
ment was followed by tempering the specimens at
100 �C, 200 �C, and 300 �C for 20 hours, respectively,
to carbon partitioning and precipitation. The water-
quenched samples at different partitioning temperatures
were marked as ‘‘WQ,’’ ‘‘QP100,’’ ‘‘QP200,’’ and
‘‘QP300,’’ for convenience.

B. Mechanical Property Tests

Plate-type sub-sized (the gage sec-
tion 16 9 5 9 1.5 mm3) tensile samples were fabricated
by traditional mechanical grinding and polishing pro-
cedure from partitioned sheets. The quasi-static, uniax-
ial tensile tests at room temperature were carried out on
a Zwick (BTC-T1-FR020 TN.A50) universal testing
machine at a strain rate of 5.56 9 10�4 s�1. The tensile
load–unload–reload (LUR) tests were conducted under
the tensile parameters similar to the uniaxial tensile
tests. Five tensile specimens were tested for each
condition to verify the repeatability of the experimental
results for the monotonic and cyclic tensile stress–strain
curves. Charpy impact tests were performed on Charpy
V-notch specimens fabricated by traditional mechanical
grinding and polishing to obtain the required

dimensions from partitioned specimens (size:
10 9 10 9 55 mm3, longitudinal–transverse (L–Tr) ori-
entation) at room temperature. In order to observe the
microstructural evolution and morphology of the mate-
rial during deformation, and to characterize the volume
fraction of austenite, the interrupted tensile tests at
room temperature were carried out at different strains.
Double edge notched tension (DENT) specimens were
fabricated to investigate the nucleation sites of cracks.
The tensile tests were carried out under a constant strain
rate of 10�5 s�1 at room temperature and promptly
interrupted when a significant crack appeared at the
notch position.

C. Microstructure Observations

X-ray diffraction (XRD) measurements of local
regions in samples before deformation or at different
strain conditions were carried out on a D8 ADVANCE
Da Vinci with Cu Ka radiation at room temperature
(Wave length; 0.15418 nm, scan rate; 1 deg min�1; scan
step size; 0.02 deg; power setup; 40 kV/40 mA) to
investigate the volume fraction of RA, and the disloca-
tion density and carbon content in each phase. The
samples selected for XRD measurement were mechan-
ically ground and polished, followed by electro-polish-
ing for ~ 30 seconds in a 7 vol pct perchloric acid
alcohol solution with an applied potential of 22 V to
release the residual stress. Scanning electron microscopy
(SEM) and backscattering electron microscopy (BSE)
images were recorded on a JEOL JSM-7800F Prime
scanning electron microscope.
The microstructural evolution of grain size and the

distribution of the geometrically necessary dislocations
(GNDs) were examined by electron backscattering
diffraction (EBSD Oxford) using a high-resolution field
emission SEM (MIRA3) equipped with a fully auto-
matic Oxford Instruments Aztec Nordlys Max3 (EBSD)
system. The analysis was performed under the following
conditions: acceleration voltage 20 kV; scanning area
25 9 25 mm2; tilt angle 70 deg; step size 50 nm. The
statistical analysis of grain size of materials subjected to
different heat treatments, the EBSD data obtained were
processed using Channel 5 software, and the phase
images were analyzed by statistical methods using
Image-Pro Plus software. Similar to the XRD sample
preparation process, EBSD samples require conven-
tional mechanical grinding and polishing, followed by
electrolytic polishing in mixture of 8 vol pct perchloric
acid and 92 vol pct alcohol solution for 40 seconds to
remove the deformed surface layer. Samples with a

Table I. Chemical Compositions and Critical Transformation Temperatures of the Materials in This Study (Mass Fraction, Pct)

Alloy

Composition, Mass Fraction, (Pct)

Fe C Mn Si Ni Ac1 (�C) Ac3 (�C) Ms (�C) Mf (�C)a

QP-9.8Ni bal. 0.40 2.06 1.57 10.01 640 699 90 � 30

aMf is the corresponding temperature when the volume fraction of martensite is 90 pct, which is calculated according to the chemical composition
using the JMatPro software.
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thickness of 50 lm were prepared by mechanical pol-
ishing, and then electro-polished by a twin-jet elec-
tro-chemical polisher with a voltage of 40 to 45 V in a 7
vol pct perchloric acid alcohol solution at � 20 �C.
Subsequently, these samples were examined using a
JEOL JEM 2100 transmission electron microscopy
(TEM) operated at 200 kV.

D. Nanoindentation Technique

Load-controlled nanoindentation measurements were
performed on Nano Indenter G200 (KLA-Tencor, US)
using a Berkovich indenter tip fabricated with diamond
to characterize the nanomechanical properties of the
various constituent phases in the steels after partitioning
at different temperatures. The electro-polishing was
done in a 7 vol pct perchloric acid alcohol solution
with an applied potential of 22 V to remove deformed
microscopic layer caused by the mechanical grinding. A
3 mN peak load was used with a loading and unloading
rate of 300 lN s�1. Nanoindentation arrays were made
on different steels with the nanoindentation numbered
one-by-one. For the convenience of subsequent posi-
tioning and analysis of the nanoindentation points,
appropriate labels were made in the vicinity of the
nanoindentation arrays. Also, an indentation spacing of
10 lm was chosen to eliminate potential effects of
overlapping plastic zones. After indentation, the tested
samples were placed in alcohol for ultrasonic cleaning to
remove the oil stains and impurity particles on the
surface of the samples. EBSD measurement was then
carried out on areas of nanoindentation arrays to
determine the phase distribution so that the marked
nanoindentation points were matched with their corre-
sponding phases. With this approach, the nanohardness
of the constituent phases could be determined and the
deformation ability could be characterized. At least five
different indentation points in each phase were chosen to
calculate nanomechanical properties to verify the
repeatability of the experimental results about nanoin-
dentation tests.

The nanohardness of the phase is determined by the
Oliver–Pharr method through the elastic unloading part
of the loading and unloading curves[66] (Eq. [1]).

H ¼ Pmax

Ac
; ½1�

where Pmax is the maximum load during the nanoin-
dentation test, and Ac is the projected contact area,
which has a functional relationship between the con-
tact depth of nanoindenter tip and is expressed by
Eq. [2].[69,70]

Ac ¼ m0h
2
c þm1hc þm2h

1=2
c þm3h

1=4
c þm4h

1=8
c

þm5h
1=16
c ; ½2�

where m0 ¼ 37:66; m1 ¼ � 19:98; m2 ¼ 49810:4; m3 ¼
� 60817:2; m4 ¼ 0; m5 ¼ 0.

The contact depth of the nanoindenter tip at the
maximum load is calculated by Eq. [3].[65,69]

hc ffi hmax � 0:75
Pmax

S
; ½3�

where hmax is the maximum displacement during the
nanoindentation test, and S is the measured stiffness
extracted from the initial unloading slope for the elastic
unloading part for the load–displacement curves.

III. EXPERIMENTAL RESULTS

A. Uniaxial Tensile Properties and Charpy Impact
Toughness

The room temperature tensile properties of the WQ
and QP steels are presented in Figure 1. The tensile
results show that the mechanical properties of WQ steel
are poor, and premature fracture occurs under small
strain conditions. However, the mechanical properties
of the WQ steel increase after partitioning treatment.
The ultimate tensile strength (UTS) exceeds 2.2 GPa and
the total elongation (TE) is close to 19 pct for the QP100
steel. As for the QP200 steel, the UTS decreases slightly
and is close to 2 GPa, while the TE is about 23 pct. It is
noteworthy that the tensile strength is 1.6 GPa and the
total elongation is around 32 pct for the QP300 steel. As
mentioned above, excellent tensile mechanical properties
were obtained after partitioning treatment. The reasons
for the significant improvement in the mechanical
properties after low-temperature partitioning (100 �C)
compared with the water-quenched steel will be eluci-
dated in detail in a forthcoming paper.
It is interesting to note that a serrated flow in the

stress–strain curves (inset in Figure 1(a)) is observed for
the QP100 and QP200 steels, which is associated with
dynamic strain aging (DSA) and caused by Portevin–Le
Chatelier (PLC) deformation bands.[49,71–75] Further-
more, the critical strain of the serrated flow increases as
the partitioning temperature increases. The strain hard-
ening rates dr=deð Þ were derived from the continuous
true stress vs strain curves presented in Figure 1(b). It is
observed from the curves that the strain hardening rates
and deformation characteristics of the steel depend on
the partitioning temperature. In the early stage of
deformation (before the true strain of ~ 0.02), the strain
hardening rate of all specimens decreases sharply as the
true strain increases, which is due to the elastic-plastic
transformation in the deformation process. However,
after that, there is a sharp up-turn phenomenon and a
discontinuous increasing tendency in the early deforma-
tion stage for the QP100 and QP200 steels. The transient
transition of the strain hardening rate usually occurs in
multiphase alloys,[76,77] hierarchical microstruc-
tures,[58,78] and gradient materials[24,79] associated with
varying yield stresses and the Bauschinger effect.[58] The
underlying reason for these facts is the intergranular
strain inhomogeneity or the strain partitioning between
interphases during plastic deformation. In the case of
the QP300 steel, compared with the other two parti-
tioning conditions, it has a lower strain hardening rate
with a stable value of 2500 MPa during the entire plastic
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deformation stage. Moreover, the level of serrated flow
appearing in the middle and later stages of plastic
deformation is relatively weak.

Furthermore, the relationship between PSE, Charpy
impact energy, and the partitioning temperatures are
illustrated in Figure 1(c). It can be seen that the PSE and
Charpy impact energy of the steels have been signifi-
cantly improved after low-temperature partitioning, and
the values of PSE are very close. However, the impact
toughness has a significant difference, and there is a
mismatch or inconsistency phenomenon with PSE. In

other words, the PSE value of the QP100 steel after
low-temperature partitioning is close to that of the
QP200 and QP300 steels, while the Charpy impact
energy is much lower than that of the QP200 and QP300
steels. It can be noted that there is also a slight
inconsistency between the PSE and Charpy impact
energy for the QP300 steel. The specific values of the
mechanical properties including strength, total elonga-
tion, PSE, and Charpy impact energy of the investigated
steels, are summarized in Table II. The significant
improvement of impact toughness, while maintaining a

Table II. The Tensile Mechanical Properties and Charpy Impact Energy for Steels Treated at Different Partitioning Temperatures

Steel

Yield
Strength

(YS) (MPa)

Ultimate Tensile
Strength (UTS)

(MPa)

Uniform Elon-
gation (TE)

(Pct)

Total Elonga-
tion (TE)
(Pct)

Product of Strength and Total
Elongation (PSE) (GPa 9 pct)

Charpy Impact
Energy (J/cm2)a

WQ 761 ± 29 1132 ± 54 1.67 ± 0.3 1.7 ± 0.3 1.9 ± 0.4 9.7 ± 0.6
QP100 884 ± 20 2221 ± 254 15.2 ± 0.2 18.7 ± 0.4 41.6 ± 2.2 17.9 ± 0.8
QP200 1013 ± 35 1969 ± 374 17.3 ± 0.4 22.6 ± 0.2 42.5 ± 4.8 64.7 ± 7.6
QP300 1044 ± 34 1589 ± 41 30.2 ± 0.2 31.3 ± 0.2 49.7 ± 3.4 54.0 ± 4.2

aCharpy Impact Energy Measured From Sub-sized Charpy V-notched specimen (Size; 10 9 109 55 mm3, Orientation; Longitudinal–Transverse
(L–Tr)).
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Fig. 1—Mechanical properties of steels at room temperature after treatment at different partitioning temperatures: (a) exemplary engineering
stress–strain curves (The diamonds represent the endpoint of uniform deformation), (b) strain hardening rate as a function of true strain at
different partitioning temperatures, (c) effect of partitioning temperature on impact toughness and product of strength and total elongation
(PSE). There is inconsistency between the Charpy impact energy and PSE. The error bars represent the standard error of the mean.
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high PSE due to the TRIP effect of RA, is caused by the
alleviation of the deformation incompatibility of con-
stituent phases, which will be elucidated in detail in the
following paragraphs.

B. Microstructural Characterization Before Deformation
and Evolution of Deformed Substructures

In order to understand the reason for enhancement of
the Charpy impact toughness and to maintain the high
PSE of steels, the evolution of the microstructure before
and after deformation was investigated first. The
microstructures of the BSE and EBSD results for
materials subjected to partitioning heat at different
temperatures are presented in Figure 2. It can be

observed that the microstructure after WQ and parti-
tioned QP steels is composed of RA and martensite/or
TM. The results of EBSD indicate that the RA, located
at prior austenite boundary and packet boundary,
exhibits a blocky morphology, while a small amount
of RA distributes in massive martensite to form M/RA
islands. The film-like RA is randomly distributed
between lath martensites. The map of the kernel average
misorientation (KAM) shows the geometrically neces-
sary dislocation (GND) distribution[54,62–64] of material
for WQ steel (presented in Figure 2(c)), which indicates
that the value of KAM for martensite is higher than that
of austenite. By comparing the scanning microstructural
feature of the steels obtained by different partitioning
temperatures, as shown in Figures 2(d) through (f), it

Table III. Statistical Data of the Grain Size in Austenite and Martensite After Different Treatments

Treatment

Austenite Martensite

Volume Frac-
tion (Pct)

Mean
Length �l lm

Mean Width
�wð Þ lm

Aspect Ratio
(a) �l=�w

� � Mean Length
�l
� �

lm
Mean Width

�wð Þ lm
Aspect Ratio
(a) �l=�w

� �

WQ 57.3 ± 0.4 1.7 ± 0.1 0.8 ± 0.1 1.8 ± 0.1 1.9 ± 0.1 0.7 ± 0.1 3.1 ± 0.1
QP100 57.7 ± 0.1 2.2 ± 0.1 1.0 ± 0.1 2.6 ± 0.1 1.9 ± 0.1 0.7 ± 0.1 2.8 ± 0.2
QP200 54.3 ± 0.5 2.1 ± 0.1 0.9 ± 0.1 2.5 ± 0.1 2.1 ± 0.1 0.8 ± 0.1 2.8 ± 0.3
QP300 55.6 ± 0.2 2.3 ± 0.1 1.2 ± 0.1 2.8 ± 0.1 2.6 ± 0.1 0.7 ± 0.1 3.1 ± 0.1

Fig. 2—Microstructural characterization of the steels: (a through c) Representative backscattering electron microscopy (BSE) image of
transversal sections of the material after water quenching, phase mapping obtained by electron backscattering diffraction (EBSD), and the
corresponding kernel average misorientation (KAM) mapping. BSE images of QP100 steel (d), QP200 steel (e), and QP300 steel (f).
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Fig. 3—Representative transmission electron microscopy (TEM) maps and corresponding selected area electron diffraction (SAED) images
inserted in some of the maps: (a) through (c) WQ, (d) QP100, (e) and (f), QP200, (g) through (i), QP300. (j, k), the corresponding SAEDs are
taken from cementite plates from (f) and (h), respectively. The corresponding schematic illustrations are also displayed. The blue and orange
indicate the diffraction spots for martensite and cementite, respectively. Martensite, blocky/film austenite and cementite were indicated by arrows
in the figures. The blue, red, and orange lines indicate the diffraction spots for martensite, austenite, and cementite, respectively (Color
figure online).
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can be observed that there are negligible differences
between the microstructures of the materials and WQ
steel.

Table III summarizes the grain size data for the
material treated at different temperatures obtained by a
statistical method that can be found in the Supplemen-
tary Material. The volume fraction of RA after parti-
tioning treatment was determined by X-ray diffraction
based on a direct comparison of the integrated intensity
of the martensite ð200Þa and ð211Þa peaks and the
austenite ð200Þc, ð220Þc, and ð311Þc peaks, as reported in

the literature.[80] The results are also listed in Table III.
It is noteworthy that the volume fraction of RA does not
decrease for long-term partitioning in the range of
100 �C to 300 �C, and its value remains unchanged,
which means that austenite has high thermodynamic
stability in this range of temperatures. The XRD profile
can be seen in Figure S2 of Supplementary Material.

Typical transmission electron microscope (TEM)
microstructures of steels subjected to different partition-
ing temperatures are illustrated in Figure 3 to further
characterize the evolution of substructure of steels and
the precipitation phase with partitioning temperatures.
The TEM images show that the morphology of marten-
site with a high dislocation density is typical in WQ steel.
The bright-field (BF) microstructure, as shown in
Figure 3(a), indicates that there exists a mixture of
microstructures of block and film RA and martensite,
which contains dense dislocation tangles. Moreover,
there are numerous stacking faults inside RA. It is
noteworthy that a few e-martensites formed by the
thermal transformation from austenite in WQ steels
during water quenching, as identified by the selected
area electron diffraction patterns (SAED) inserted in
Figure 3(b), correspond to results reported in the
literature.[81] The selected area diffraction patterns show
a film-like morphology of transformed austenite in
QP100 steel, exhibiting a Kurdjumov–Sachs (K–S)
orientation relationship with the adjacent TM laths,

viz. �111
� �

a== 011½ �c and ð101Þa==ð1�11Þc. After

partitioning heat treatment at 200 �C, extensive fine
platelets of cementite precipitated in TM, as shown in
the bright-field (BF) image, shown in Figure 3(e) and
also illustrated in the other BF image (upper half of
Figure 3(f)), and its corresponding dark-field (DF)
images (lower half of Figure 3(f)). However, after
partitioning at 300 �C, the relatively large size cementite
plates disperse in TM, which means that the growth of
cementite occur during a relatively high-temperature
partitioning process. Also, with the increase of parti-
tioning temperature, the dislocation density in the two
phase decreases gradually.
The equilibrium phase fraction vs temperature dia-

gram of steel (Fe-10.01Ni-0.4C-2.06Mn-1.57Si) used,
using Thermo-Calc software and the TCFE8 database,
is illustrated in Figure 4(a). Cementite starts to precip-
itate at 673 �C, and the equilibrium volume fraction is
0.07254 in the range of thermal stability temperatures.
The volume fraction for cementite precipitation calcu-
lated based on the Johnson-Mehl-Avrami (JMA) equa-
tion, and statistical value according to TEM maps of
QP200 and QP300 steels are inserted in Figure 4(b).
Detailed statistical and computational processes can be
found in the Supplementary Material. The results
obtained by a statistical method are much lower than
those obtained by the JMA equation, which may be
attributed to the uneven distribution of carbon atoms in
materials caused by the Cottrell atmosphere formed by
the segregation of carbon atoms at dislocations,[50] thus
affecting the kinetics of cementite precipitation.
To elaborate the deformation mechanisms and to

explore the inherent relationship between the deformed
microstructure and the mechanical properties of mate-
rials after partitioning treatment at different tempera-
tures, TEM is employed to observe the deformed
substructure of the interrupted samples under a partic-
ular strain before the necking stage (the uniform plastic
deformation stage), and the corresponding representa-
tive TEM micrographs are illustrated in Figure 5. As for
the QP100 steel at the 10 pct strained deformation stage,
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Fig. 4—(a) Equilibrium phase fraction vs temperature diagram of investigated steel, calculated using Thermo-Calc software and the TCFE8
database. G-phase is a silicide, first identified by Beattie and Ver synder.[82] Cementite starts to precipitate at 670 �C, and the equilibrium volume
fraction is 0.07254 in the range of thermal stability temperatures. (b) Simulation of cementite precipitation formed during different partitioning
temperatures based on the JMA equation. The data points inserted in (b) are calculated using area statistics from the TEM maps by Image-Pro
software for QP200 and QP300 steels. The error bars represent the standard error of the mean.
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the TEM micrographs indicate that some RA deforms
in the form of mechanical twinning, and there is a high
density of dislocations between the deformation twins
laths. Furthermore, there are signs of dislocation accu-
mulations and pile-ups between the interphases, thus
forming tangled high-density dislocation walls struc-
tures, as observed in Figures 5(a) through (b). There is a
noticeable decrease in the dislocation density from
dislocation-tangled grain boundaries of martensite in
the grain interior, resulting in a dislocation density
gradient. As shown in Figure 5(c), it is observed that
there are two dislocation characteristics inside the
grains: (i) the tangled forest dislocations due to dislo-
cation accumulation and interaction; (ii) inhomoge-
neous distribution of dislocations inner grain. The
formation of the heterogeneous dislocation structure is
attributed to pinning effect on moving dislocation

exerted by the precipitated phase, the Cottrell atmo-
sphere formed via carbon segregation and the
Lomer–Cottrell locks reported by Basinskis[83] and
Mughrabi[84] during plastic deformation.
In terms of QP200 steel, the features of the dislocation

structure are similar to that of QP100 steel. However,
the difference is that the degree of proliferative disloca-
tion pile-ups at phase interfaces and grain subbound-
aries is attenuated, as illustrated in Figures 5(d) and (e).
Notably, the dislocation cell structure occurs inside the
grains, as marked in Figure 5(f). From the TEM
morphology of QP300 steel, it is seen that the level
and width of the dislocation pile-ups at the inter-
phases/grain boundaries decrease. The grain bound-
aries/phase interfaces where dislocation pile-ups are
more curved than that of the other two conditions, as
shown in Figure 5(h), form zigzag grain boundaries,

Fig. 5—TEM micrographs showing the tangled high-density dislocations and visible dislocation pile-ups at grain boundaries and subboundaries;
proliferative dislocations are inhomogeneously distributed in intragranular grains of interrupted specimens at a particular strain before the
necking stage:(a) through (c), QP100-10 pct, (d) through (f), QP200-15 pct, (g), (h), QP300-15 pct. (i) the corresponding SAEDs are taken in the
zones A and B from (a).
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which implies that the deformation capability between
grains/phases and the degree of plastic deformation is
enhanced. Moreover, viewing the TEM morphology at
high magnification, dislocations proliferate and accu-
mulate in the area of cementite platelets as illustrated in
Figure 5(i), causing cracks in the cementite in the middle
of platelets and forming fragments of cementite. As
illustrated above, the inhomogeneous distribution of
dislocations in deformed steel consists of two situations:
(i) at grain boundaries/phase interfaces and (ii) grain
interiors. Tangled high-density dislocations accumulated
at grain boundaries/phase interfaces, in which the
dislocation pile-ups degree exhibits a declining tendency
inwards from the boundaries to the inner grain, could be
attributed to the inconsistency of plastic deformation
between grains or constituent phases. Furthermore, the
heterogeneous dislocation structures possessing tangled
forest dislocations and dislocation cells in grains could
stem from the pinning effect of precipitates and chemical
concentration fluctuations resulting from the segrega-
tion of carbon atoms after partitioning treatment. Due
to the increase of the driving force for growth, the
coarsening of precipitate platelets occurs during parti-
tioning at higher temperatures, and the platelets of
cementite fractured during plastic deformation.

C. Deformation Behavior of Load–Unload–Reload Tests

To characterize the extent of deformation incompat-
ibility of constituent phases and investigate that influ-
ence on mechanical properties, LUR tests were carried
out and the experimental results are presented in
Figure 6. Similar to the uniaxial tensile test, there exists
a distinction of stress–strain responses in the LUR tests
for the steels after partitioning treatment at different
temperatures. The degree of work hardening decreases
as the partitioning temperature increases, as shown in
Figure 6(a). Furthermore, it is found that the elongation
obtained in the LUR tests is slightly lower than that
obtained by the uniaxial tensile tests for the three
conditions. The hysteresis loop and the yield-drop
Dryassociating with the unload yield effects, as seen in
Figure 6(a), are the two typical features indicating the
Bauschinger effect (BE), which manifests the heteroge-
neous elastic–plastic deformation response during defor-
mation. This will be an interesting phenomenon that
yield behavior occurs in the LUR curve, even though the
overall applied stress is still tensile during the loading
process. The reverse plastic deformation of materials
happens after this point, as shown in Figure 6(b) and
schematically illustrated in Figure 6(c). BE is usually
attributed to the strain incompatibilities of alloys with
multiphase microstructures possessing varying yield
strength, deformation ability,[85,86] and the special hier-
archical structure such as the gradient structure[24,87]

and the heterogeneous lamella structure.[78]

The formation mechanism of the hysteresis loop is
elaborated by researchers given the back stress arising
from inhomogeneous plastic deformation.[85,86,88,89]

Therefore, macroscopic stress is composed of back
stress and effective stress.[59] Effective stress evolution

can be described as a mutual competition process
between the moving dislocation multiplication, interac-
tion, and annihilation of dislocations, while back stress
is separated into intragranular back stress, due to the
heterogeneous dislocation distribution inside grains, and
intergranular back stress stemming from the plastic
deformation incompatibilities between different
phases.[59] It is necessary to characterize back stress
and effective stress quantitatively to explain the two
stress hardening components. So back stress can be
obtained according to Eq. [4] proposed by Feauges[59]:

rback ¼ rflow � rrev
2

� �
þ r�

2
; ½4�

where rflow is the flow stress at unloading and the reverse
yield stress, rrev, is derived by shifting the initial linear
segment on each hysteresis loop to the left at a particular
selected plastic strain offset and intersecting the hystere-
sis loop. In this present paper, the plastic strain offset is
equal to 2� 10�5, and the r� is a part of the flow stress
taking into account the thermal effect. All the param-
eters are defined schematically in Figure 6(c).
The evolution of back stress and effective stress of the

partitioned steels is shown in Figure 6(d). For the
QP100 steel, the back stress increases sharply as strain
increases during plastic deformation before necking.
The value is higher than the effective stress, while
effective stress increases slowly over the whole plastic
deformation range. Therefore, back stress hardening
plays a dominant role in the overall stress hardening
effect under these conditions. As for QP200 steel, the
overall level of back stress is significantly lower than
that of QP100 steel. Moreover, there is a similar
tendency for the effective stress for QP100 and QP200
steel, but the difference is that the effective stress of
QP200 steel is higher in the later stage of deformation,
which demonstrates that its excellent mechanical prop-
erties are attributed to the synergism-enhanced effect of
back stress and effective stress. It is noted that the
volume fraction of RA obtained by interrupted tensile
tests does not change after 10 pct strain in QP100 and
QP200 steels, as shown in Figure 7 in Section IV–B,
which indicates that TRIP has negligible effect on work
hardening. However, for QP300 steel, the back stress
value is high at the initial stage of plastic deformation,
then increases slowly with effective stress over a wide
strain regime, and finally reaches a higher level at the
later stage of deformation.
The BE could also be characterized by the reverse

plastic strain erp
� �

defined in Figure 6(c) and obtained
by LUR tests. The values of reverse plastic strain after
partitioning treatment at different temperatures are
presented in Figure 6(e). As for the QP100 steel, the
reverse plastic strain increases sharply with the increase
of strain during plastic deformation before necking. For
QP200 steel, the growth trend of the reverse plastic
strain is similar to that of QP100 steel before 11 pct
strain. After that, its value decreases slightly. In terms of
QP300 steel, the reverse plastic strain increases slowly
with increasing true strain before necking. The reverse
plastic strain decreases as the partitioning temperature
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increases, which implies that the BE is attenuated as
partitioning temperature increases. Another typical
feature of BE is yield-drop, Dry, which varies with
unload strain as shown in Figure 6(f). It can be found
that the yield stress drop of the material after the
partitioning process at different temperatures has the
following trend: it increases as the unloading strain
increases. Also, as the partitioning temperature
increases, the overall level of yield stress drop gradually
decreases. Yang et al[27] conclude that this phenomenon
concerning yield stress drop is related to stress parti-
tioning and the yield sequence of austenite and B2
intermetallic compound during the loading and

unloading process. According to our experimental
results, the underlying mechanism of this phenomenon
is tied to the diversity of mechanical properties between
phases and the dislocation pile-ups at interphase/grain
boundaries. The yield strength of each phase (RA, TM,
deformation-induced martensite) during the reloading
process increases as a whole owing to the strain
hardening effect of previous plastic deformation in each
phase, which contributes to the increase of yield stress in
the cyclic loading process. Upon reloading, the soft RA
yields first, and then, with the increase of the overall
stress and strain, the load redistribution between the soft
phase and the hard phase occurs, resulting in stress

(a) (b)

(c) (d)

(e) (f)

Fig. 6—Back stress hardening: (a) Tensile load–unload–reload (LUR) true stress vs true strain curve for steels treated at different partitioning
temperatures, (b) close-up of hysteresis loops for the third and fourth cycles and the unloading yield effect Dry

� �
, (c) schematic illustration about

the two typical features in each unloading–reloading cycle, i.e., hysteresis loop and Dry. The calculating methods of back stress rbackð Þ and
effective stresses reffð Þ are also elaborated. (d) Back stress and effective stress evolution with true strain, (e) reverse plastic strain erpvs unloading
strain eunð Þ, (f) yield-drop stress Dry vs unloading strain eunð Þ. The error bars represent the standard deviations.
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concentration and dislocation pile-ups in the inter-
phases. Subsequently, with a further increase of the
overall stress and strain, the hard phase yields corre-
spondingly, rendering the emergence of a yield stress
drop owing to the rapid release of the elastic stresses and
strains in the interfaces of RA and martensite.

According to the above analysis, the QP100 steel that
partitioned at relatively low temperature exhibits exten-
sive deformation heterogeneity during plastic deforma-
tion. This inhomogeneous deformation can be alleviated
with an increasing partitioning temperature for QP200
and QP300 steels.

D. Characterization of Nanomechanical Properties
for Constituent Phases Via the Nanoindentation Test

In the following paragraph, the results of nanoinden-
tation test are discussed to investigate the nanomechan-
ical properties and to characterize the micromechanical
deformation ability of constituent phases further. The
representative load–displacement curves of the nanoin-
dentation test and the corresponding nanomechanical
properties of constituent phases are presented in
Figure 8.

According to the load–displacement curves of nanoin-
dentation as shown in Figures 7(a) through (c), the
nanohardness of RA and martensite in different steels is
shown in Figure 7(e). It is found that the nanohardness
of martensite is higher than RA for all steels. As the
partitioning temperature increases, the nanohardness of
TM decreases slightly, while there is an opposite trend
for RA. This result is consistent with the change of yield
strength of materials obtained by tensile tests and the
theoretical calculations in the Supplementary Material,
as shown in Figure S4. This result is due to the
synergistic effect of various strengthening mechanisms
on the yield strength of materials: carbon segregation,
carbon partitioning from supersaturated martensite to
RA, a variation of dislocation density in constituent
phase, and precipitation of carbides in TM. In terms of
nanoindentation displacement of different phases for
load-controlled nanoindentation measurements, the
nanoindentation displacement of RA has negligible

differences, while the nanoindentation displacement to
martensite increases with the increase of partitioning
temperatures, as presented in Figure 8(f). This situation
indicates that the micromechanical deformation ability
of TM is enhanced and the difference of deformation
ability between RA and TM decreases, which may imply
that the inhomogeneity of deformation between two
constituent phases will be alleviated during plastic
deformation.

E. Fractured Surface and Secondary Microcrack
Characterization of Charpy Impact Specimens

The Charpy impact energy at room temperature of
materials treated at different partitioning temperatures
is listed in Table I. SEM fracture morphology at the
stable crack propagation zone for the Charpy impact
specimens and the corresponding representative BSE
fracture morphology of the cross-sectional area beneath
the fracture surface containing secondary microcracks
of Charpy impact specimens are presented in Figure 9.
The micromechanical properties and morphological
characteristics of the constituent phases in the
microstructures determine the fracture behavior of the
materials, which is reflected by the difference in fracture
morphology and microcrack initiation and propagation
paths. For the QP100 steel, the fractured surface is
characterized by intergranular crack and brittle cleavage
fracture facets. Furthermore, only a few small dimples
are dispersed on the fracture surface, demonstrating a
typical brittle fracture mode. Moreover, the secondary
microcrack beneath the fracture surface presents inter-
granular fractures, as shown in Figure 9(b). For the
QP200 steel, it can be seen that the area of shear lip zone
on the fracture surface, inset in Figure 9(c), increases
compared with the QP100 steel, which means the impact
toughness increases and is consistent with the increase of
specific impact energy. There are a large number of
dimples and bright white tearing ridges with fibrous
shape around these dimples on the fractured surface, as
illustrated in Figure 9, which presents typical ductile
fracture characteristics. It is noteworthy that a V-shaped
microvoid can be observed on the fractured surface,

Fig. 7—Characterization of RA stability: (a) Evolution of RA fraction with macroscopic strains for the investigated steel. (b) The relationship
between RA transformation fraction and the true strain fitted by the Olson and Cohen model. (c) The rate of martensite formation obtained by
differentiating the data obtained by the Olson and Cohen model.
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which is mainly formed during the coordinating defor-
mation of the grain boundaries. Furthermore, some
intragranular microcracks at the bottom of the dimples
can be seen from the local magnification of the fractured
surface, which corresponds to cleavage cracks propa-
gating in the RA, as shown in Figure 9(d). In terms of
the QP300 steel, it is seen in Figure 9(e) that the
fractured surface has large dimples and a few dispersed
brittle cleavage fracture facets. As observed in a
representative BSE fractographic morphology from
Figure 9(f), it can be found that two microcracks are
propagating in the material in the cross-sectional area,
while two propagating branches at the tip of the
microcracks are formed, which propagates along the
prior austenite grain boundary or packet boundary with
poor resistance to crack propagation as presented in the
zone I inserted in Figure 9(f). For the microcrack in
zone II, the microcrack first nucleates in TM, then
propagates along the interface between RA and TM,
and subsequently forms two propagating branches,
propagating along the path with less crack propagation
resistance similar to the microcrack of zone I.

IV. DISCUSSION

A. Mechanisms of Back Stress and Effective Stress
and Its Relation to Deformation Incompatibility

Based on the characterization of mechanical proper-
ties from the LUR tests, the micromechanical deforma-
tion ability of the constituent phases, and the

observation of microstructure features, the underlying
relationship will be comprehensively analyzed in the
following paragraphs.
The differences between the overall comprehensive

mechanical performance and the heterogeneous dislo-
cation morphology for deformed steels are the concrete
manifestations of the difference of the micromechanical
properties between TM and RA, after partitioning
treatment at different temperatures. After low-temper-
ature partitioning (QP100 steel), a portion of the
carbons in supersaturated martensite diffuse into RA
while some of the carbon atoms are segregated at
dislocations in martensite to form carbon clusters.
However, on the whole, the difference in the microme-
chanical properties between TM and RA is still
significant after the partitioning process. This can be
identified by the nanoindentation tests, as presented in
Figure 7. During plastic deformation, there will be
deformation heterogeneity between the two phases,
which leads to the accumulation of tangled high-den-
sity dislocations at the phase interfaces, resulting in a
high concentration of stress. For the RA with lower
mechanical stability, this concentration of stress can be
released by the TRIP effect. For the austenite with
higher mechanical stability, a strain gradient near the
phase boundaries is generated to coordinate the strain
continuity at the phase boundaries[78] during continu-
ous plastic deformation, which corresponds to the
morphology of the dislocation structure observed in
Figure 5(a) where a declining tendency is observed
from the grain boundaries to the inner grain. Generally

(a) (b) (c)

(d) (e) (f)

Fig. 8—Representative load–displacement curves for the nanoindentation test for (a) QP100 steel, (b) QP200 steel, and (c) QP300 steel. EBSD
images in the inset show indentation impressions on the RA grain and martensite. (d) Representative topographies showing two nanoindentation
arrays after indentation. (e) Nanohardness values for RA and martensite for different steels. (f) Displacement of nanoindentation for RA and
martensite for different steels. The error bar represents a standard deviation.
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speaking, the strain gradient near the phase boundaries
is accommodated physically by GNDs,[90–92] which will
produce long-range back stress at the phase bound-
aries. In other words, one of the components of back
stress is associated with strain partitioning, i.e., inho-
mogeneous plastic strain during plastic deformation.
Another component of back stress stems from the
inhomogeneous distribution of dislocations in the grain
caused by the pinning effect of obstacles in the moving
dislocations. The inhomogeneous distribution of dislo-
cations in the grain is attributed to the following three
factors: (i) thermally transformed hard e-martensites
during the water quenching and the deformation twins
of RA in QP100 steel during plastic deformation; (ii)
carbon clusters formed by segregation at dislocations
during the temperature partitioning process; and (iii)

cementite precipitation nucleated at the carbon segre-
gation regions.
In terms of QP200 and QP300 steels, the degree of

proliferative dislocation pile-ups at phase interfaces and
grain subboundaries is obviously attenuated from the
view of dislocation morphology, as illustrated in
Figures 5(d) and (e), which indicates that the strain
incompatibility between phases is alleviated. Further-
more, the results of LUR tests also show that the
Bauschinger effect for QP200 and QP300 steels decreases
during plastic deformation, as presented in Figures 5(d)
through (f). This result is attributed to the comprehen-
sive effect of the improvement of the compatible
deformation ability of the constituent phases and the
TRIP effect of RA after high-temperature partitioning,
which will be discussed in the following paragraph.

Fig. 9—SEM images of the fracture morphology at the stable crack propagation zone of the Charpy impact specimens: (a) QP100, (c) QP200,
(e) QP300, and the corresponding representative BSE microscopy images for the fracture morphology of the cross-sectional area beneath the
fracture surface containing secondary microcracks of Charpy impact specimens: (b) QP100, (d) QP200, and (f) QP300.
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B. Transformation Kinetics of Retained Austenite

Although the volume fraction of metastable RA for
partitioned steels does not change significantly, the
mechanical stability of metastable austenite may change
significantly during deformation due to the role of
carbon partitioning and the deformation compatibility
between constituent phases, thus affecting the properties
of steels. Also, to further understand the underlying
mechanisms of TRIP of steels undergoing partitioning
treatment at different temperatures, the internal rela-
tionship between the changes in deformation compati-
bility of the microstructure, and the final mechanical
properties, in-depth investigations were carried out to
characterize the transformation kinetics of RA. To
quantitatively evaluate carbon partitioning, the carbon
concentration of RA and TM of partitioned steels were
measured using lattice parameters obtained from the
XRD peaks. A detailed calculation process can be found
in the Supplementary Material. The carbon concentra-
tion of retained austenite and tempered martensite in
partitioned steels are listed in Table IV. The deforma-
tion-induced martensitic transformation can be identi-
fied by the interrupted tensile loading test. The evolution
of the RA fraction with macroscopic engineering strain
for the three steels is illustrated in Figure 7(a).

Based on the assumption that the interactions of the
shear band are the effective sites for strain-induced
martensitic nucleation, Olson and Cohen proposed a
model to characterize the transformation kinetics of
RA[93] (see Eq. [5]):

fa0 ¼ 1� exp � b 1� expð� aeÞ½ �mf g; ½5�

where fa0 presents volume fraction of martensite trans-
formed from austenite, a and b are the two tempera-
ture-dependent parameters to describe the kinetics of
strain-induced martensitic nucleation adequately. a
describes the rate of shear band formation under
deformation, which is dependent on the stacking-fault
energy. b characterizes the probability of martensitic
embryos occurring, generated by the interaction of shear
bands, which is governed by the chemical driving force
for the transformation of RA to martensite. The larger
values of the two parameters imply lower stability of
RA.[94] The fixed exponent m has a value of 2 for the
TRIP-assisted multiphase steel.[95]

Figure 7(b) shows the relationship between the RA
transformation fraction and the true strain fitting by the
Olson and Cohen model. The parameters obtained by
fitting are listed in the table inserted in Figure 7(b).
According to the correlation R2 values, it can be shown

that the Olson and Cohen model has good accuracy.
Furthermore, it can be found that the values of the
parameters a and b decrease as the partitioning temper-
ature increases, which indicates that the rate of shear
band formation under deformation and the probability
of martensitic embryo generation by the interaction of
shear bands decrease from the perspective of chemical
driving force, and correspondingly the stability of RA
increases. It is important to note that the kinetics of the
transformation of RA to martensite for QP100 and
QP200 steels begin to saturate at a true strain of about
0.10. In terms of QP300 steel, the saturated true strain of
transformation is 0.20. In order to further analyze the
change of the martensite formation rate vs true strain,
differential processing was carried out for sigmoidal
shaped equation fitted by the Olson and Cohen model,
i.e. f0a0 ¼ dfa0=de. The rate of martensite formation vs
true strain is illustrated in Figure 7(c). It is noteworthy
that the maximum martensite formation rate for QP100
and QP200 steels occurs near the true strain of 0.025,
while for QP300 steel, the maximum martensite forma-
tion rate occurs near the true strain of 0.04.
The enhancement of the mechanical stability of RA

can be attributed to two factors: the effect of carbon
partitioning into RA, in which the quantitatively calcu-
lated carbon content is shown in the Supplementary
Material, and, the improvement of the micromechanical
deformation ability of TM. The latter weakens the
incompatibility of deformation and reduces strain gra-
dients in the vicinity of interfaces during plastic defor-
mation (the degree of dislocation pile-ups as shown in
the dislocation morphology in Figure 5). This factor will
attenuate the stress/strain concentration at the interface,
promote the retention of more austenite, and cause
continuous deformation and the TRIP effect in the later
stage of deformation and postpone necking, thus
significantly improving the ductility of the material.[96]

High ductility compensates for the loss of strength;
therefore, a high PSE could be maintained.

C. Crack Nucleation and Fracture Mechanisms
for Tensile Specimens

In order to explore the damage and fracture mecha-
nism of steels with partitioning treatments at different
temperatures, DENT specimens were fabricated and
examined to investigate the nucleation and propagation
of subcracks and microvoids. Figure 10 illustrates the
BSE fracture morphology of fractured DENT specimens.
It can be observed that main crack, forming in the
prefabricated notch area, propagates into the center zone
of the specimen for each condition, and the propagation
direction of the crack is perpendicular to the tensile
direction. Furthermore, many subcracks and microvoids
can be found in the vicinity of the main crack from high
power scanning images. As for the QP100 steel, BSE
fracture morphology (as shown in Figures 10(b) and (c))
indicates that subcracks are nucleated at the TM/RA
interfaces and propagates along the interfaces. Moreover,
microvoids also nucleate at the TM/RA interfaces and
tend to coalesce along the interfaces, as indicated by the

Table IV. Carbon Concentration of Retained Austenite and

Tempered Martensite in Partitioned Steels (Wt Pct)

Specimen Retained Austenite Tempered Martensite

QP100 0.49 0.28
QP200 0.65 0.04
QP300 0.68 0.01
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white arrows in Figure 10(c). This result implies that
there is a lower resistance to microcrack/microvoid
nucleation at the interface and a higher sensitivity to
crack propagation than intragranular grain. Compared
with QP100 steel, the nucleation sites for subcracks and
microvoids in QP200 steel are scattered, as shown in
Figures 10(e) and (f), which can be divided into two
categories: (i) at RA for subcracks; (ii) at TM/RA
interface for subcracks and microvoids. For QP300 steel,
numerous microvoids nucleate in TM, as presented in
Figure 10(h). Moreover, it is noteworthy that subcracks
nucleate in TM and propagate along the TM/RA
interface, as illustrated in Figure 10(i).

Based on the observation of nucleation sites and
propagation paths of subcracks and microvoids in the
BSE fracture morphology of fractured DENT speci-
mens, characterization of microstructural features after

plastic deformation, the quantitative analysis of back
stress and effective stress in flow stress by LUR tests,
and the micromechanical deformation ability of con-
stituent phases via nanoindentation tests, the intrinsic
relationship between mechanical properties, the damage
and fracture mechanism, and microstructural features
can be revealed.
The difference in micromechanical properties between

the two phases after partitioning treatment at different
temperatures and the diversity of morphologies of
precipitated phases lead to the difference in the plastic
deformation ability of the material, which results in the
difference in nucleation sites for microcracks/microvoids
and fracture mechanisms. For the case of QP100 steel,
there is a large difference in deformation ability between
phases. A high level of stress concentration that forms at
the interfaces is caused by the deformation heterogeneity
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Fig. 10—Representative BSE microscopy images of the morphology of fractured DENT specimens: (a) through (c) QP100, (d) through (f)
QP200, (g) through (i) QP300. Many subcracks and microvoids can be found in the vicinity of the main crack. For the QP100 steel, subcracks
are nucleated at the TM/RA interfaces and propagate along the interfaces. The nucleation sites of the subcracks and microvoids in QP200 steel
are scattered, as shown in (e) and (f). For QP300 steel, numerous microvoids nucleate in TM as presented in (h). It is noteworthy that subcrack
nucleates in TM and propagates along the TM/RA interface, as shown in (i).
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between phases in plastic deformation, which results in
the proliferation and pile-ups of dislocations at the
phase interfaces and grain boundaries, causing accumu-
lation of tangled high-density dislocations at the phase
interfaces, as shown in Figure 5. To maintain the
continuity of strain near the phase interfaces, the
formation of GNDs is needed to coordinate the strain
gradient at these phase interfaces. This dislocation
pile-ups elevates the back stress.[32,59,97] A higher stress
concentration results in lower crack nucleation resis-
tance at the grain boundaries/phase interfaces, which
leads to the initiation of microcracks and microvoids[57]

along the RA/M interfaces in QP100 and QP200 steel, as
shown in Figures 10(b) through (f). The difference in
deformation between constituent phases decreases for
QP200 steel, and the nucleation sites of subcracks and
microvoids are scattering. As the partitioning tempera-
ture increases, the fine platelets of cementite that
precipitate in martensite in QP200 steel (as shown in
Figure 3(e)) grow to relatively large platelets of cemen-
tite, as presented in Figure 3(h). During plastic defor-
mation, this brittle cementite then fractures under stress
concentration caused by tangled dislocations, as shown
in Figure 5(i). The resulting microcracks are the basis
for cleavage crack extending in the microstruc-
ture.[98–100] For the QP300 steel, the microcracks and
microvoids initiated at the TM observed from the
fractured DENT specimens (as shown in Figure 10(h)).
Therefore, we infer that nucleation of microcracks or

microvoids in QP300 steel is preferential at the sites of
fractured cementite. Furthermore, the nucleated micro-
cracks/microvoids propagate along the RA/M interfaces
that have less resistance to crack propagation, as
illustrated in Figure 10(i).
To summarize, the nucleation positions for microc-

racks and microvoids originate from the regions with low
nucleation resistance. For QP100 steel, dislocations
accumulate at the grain/phase boundaries due to the
inhomogeneity of plastic deformation between phases,
which makes the grain/phase boundaries the sensitive
sites for microcrack nucleation. The difference in the
micromechanical properties between constituent phases
decreases for QP200 steel, for which the nucleation sites
for subcracks and microvoids are scattered. As for the
QP300 steel, microcracks/microvoids nucleate at the
fractured brittle cementite, which acts as the main
nucleation site for microcracks compared with QP100
and QP200 steels. The microcracks propagate along the
RA/M interface with less resistance to crack propagation.

D. Influence of Deformation Compatibility
of the Constituent Phase on the Tensile Properties
and Impact Toughness

In the present study, the schematic illustration of the
thermal and mechanical evolutions of the microstruc-
ture of these three steels partitioned at different temper-
atures is presented in Figure 11. The WQ steel has a

(a)

(b)

Fig. 11—Schematic illustration of the (a) thermal and (b) mechanical evolutions of microstructure for the three steels undergoing different
temperature partitioning treatments.
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dual-phase microstructure with martensite and RA,
which contains almost the same carbon content regard-
less of the segregation and partitioning of carbon at
room temperature. After low-temperature partitioning,
the substructure and carbon content in these constituent
phases of the material will change, which determines the
tensile and impact properties of the material. As for
QP100 steel, some of the supersaturated carbon atoms
in martensite will segregate to dislocations during
low-temperature treatment, while a few of them will
diffuse to RA through phase interface, resulting in the
partitioning process. During the subsequent tensile and
impact deformation, the heterogeneous deformation of
the two consistent phases causes intensive dislocation
pile-ups at the phase interface, stimulating the nucle-
ation of microcracks and microvoids. These microcracks
and microvoids then propagate along the prior austenite
grain boundary or packet boundary with less resistance
to crack propagation in the impact process. The
mechanical stability of RA is relatively low, and
dynamic martensitic transformation occurs in a large
part of RA during the plastic deformation process,
which will significantly aggravate the degree of inho-
mogeneous deformation of constituent phases and
promote the initiation and propagation of microcracks.

In terms of the QP200 steel, the partitioning of carbon
atoms into RA is more sufficient, while the dislocation
density of TM and RA is reduced. There are fine
platelets of cementite that precipitate in martensite due
to the increased kinetics of carbide precipitation at this
temperature. During subsequent deformation, the
mechanical stability of RA and the micromechanical
deformation ability of martensite are enhanced. Conse-
quently, the compatibility of the deformation of con-
stituent phases increases. Furthermore, the sites of
microcrack initiation are more dispersed, and it is
possible to initiate nucleation at the phase boundaries
and also in RA. For QP300 steel, compared with QP200
steel, besides the enhancement of carbon partitioning
and micromechanical deformation ability of TM during
heat treatment, the deformation coordination ability
constituent phases and the mechanical stability of RA
during tensile deformation are also further improved.
However, the cementite grows to a relatively large size.
When the plastic deformation reaches a critical value,
the plate of cementite fractures and forms the nucleation
source for microcracks, which will deteriorate the
impact toughness of the material. The microcrack
formed at the fractured cementite will continue to grow
for tensile deformation and impact deformation and
then propagate along the prior austenite grain boundary
or packet boundary with poor resistance to crack
propagation for impact deformation.

Compared with the tensile properties, impact tough-
ness is more susceptible to the deformation incompat-
ibility of the constituent phases. This situation may stem
from impact toughness, which characterizes resistance
to the nucleation and propagation of cracks. However,
for steel with significant heterogeneity of deformation
ability between the constituent phases, cracks tend to
nucleate at the interface or in a phase with poor
deformation ability during impact deformation.

Therefore, through optimizing the difference between
constituent phases via low-temperature partitioning, the
impact toughness can be improved significantly due to
the alleviation of deformation incompatibility of the
constituent phases while preserving a high PSE via
utilizing the deformation potential of RA and its
transformation-induced plasticity effect.

V. CONCLUSION

In this paper, duplex Q&P steels possessing a combi-
nation of ultra-high PSE and superior impact toughness
were obtained by tailoring the micromechanical defor-
mation ability of RA and martensite via low-tempera-
ture partitioning. The conclusions reached are as
follows:

(1) The tensile results indicate that the mechanical
properties of the material are significantly
improved after low-temperature partitioning.
The ultimate tensile strength exceeds 2.2 GPa
and the total elongation is close to 19 pct for the
QP100 steel. Moreover, the total elongation
increases as the partitioning temperature
increases. As for the QP200 steel, the UTS
decreases slightly and is close to 2 GPa, while
the TE is about 23 pct. Moreover, it is noteworthy
that the tensile strength is 1.6 GPa, and the total
elongation is around 32 pct for QP300 steel. The
PSE of all three steels exceeds 40 GPa 9 pct,
which is attributed to the utilization of the
deformation potential of RA and its transforma-
tion-induced plasticity effect. The impact tough-
ness of QP100 steels is smaller than the other two
partitioned steels, which presents a mismatching
or inconsistency phenomenon between impact
toughness and the PSE of steels.

(2) The modified Bauschinger effect method was used
to investigate the evolution of flow stress compo-
nents during plastic deformation and to evaluate
the influence of partitioning temperature on
deformation incompatibility of the constituent
phases. The results demonstrate that the QP100
steel partitioned at relatively low temperature
exhibits extensive deformation heterogeneity dur-
ing plastic deformation. This inhomogeneous
deformation can be alleviated by the increasing
the partitioning temperature for the QP200 and
QP300 steels.

(3) Strain incompatibility can be attributed to the
difference in mechanical properties and microme-
chanical deformation abilities of the constituent
phases. The nanoindentation experiments quanti-
tatively indicate in microscopic scale that the
micromechanical deformation ability of TM
increases as the partitioning temperature
increases, which implies that the inhomogeneity
of deformation between RA and TM could be
alleviated during plastic deformation.

(4) The dynamic transformation kinetics of
metastable austenite for the different steels was
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determined by the Olson and Cohen model. The
results indicate that the stability of RA increases
as partitioning temperature increases, which is
attributed to the stabilization effect of carbon
partitioning and the improvement of the compat-
ibility of plastic deformation for the constituent
phases.

(5) Through the characterization of fractured sur-
faces and secondary microcracks of Charpy
impact specimens, as well as the investigation of
subcracks and microvoids in DENT specimens, it
is found that the nucleation position and propa-
gation path of microvoids and microcracks
depend on the deformation compatibility of the
constituent phase and the morphology of cemen-
tite in tempered martensite. The nucleation sites
for the microcracks and microvoids at the phase
interface for QP100 steel, due to stress concen-
tration and dislocation pile-ups for the incompat-
ible deformation of the constituent phase, are
substituted by nucleation sites in fractured cemen-
tite in TM as the partitioning temperature
increases, especially for QP300 steel. The sensi-
tivity of impact toughness to incompatible defor-
mation of constituent phases is the fundamental
reason for high PSE and low impact toughness of
QP100 steel.

In summary, low-temperature partitioning treatment
improves the micromechanical deformation ability of
TM, alleviates its deformation incompatibility with RA
during plastic deformation, delays the microcrack/mi-
crovoid nucleation at the M/RA interface, and promotes
the mechanical stability of RA combined with the
carbon partitioning effect. Therefore, the impact tough-
ness can be improved significantly due to the alleviation
of deformation incompatibility of constituent phases,
while the high PSE can be preserved via utilizing the
deformation potential of TM, RA, and its transforma-
tion-induced plasticity effect. These results can provide a
new strategy for designing high PSE and tough Q&P
steel.
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